Abstract Two shape-memory alloys with the nominal compositions (in wt.%) were prepared by selective laser melting (SLM). The parameters were optimised to identify the process window, in which almost fully dense samples can be obtained. Their microstructures were analysed and correlated with the shape-memory behaviour as well as the mechanical properties. Suction-cast specimens were also produced for comparison. Mainly, b 1 0 martensite forms in all samples, but 0.5 wt.% of Zr stabilises the Y phase (Cu 2 AlZr), and its morphology depends on the thermal history and cooling rate. After annealing, the Y phase is primarily found at the grain boundaries hampering grain coarsening. Due to the relative high cooling rates applied here, Zr is mostly dissolved in the martensite in the as-prepared samples and it has a grainrefining effect only up to a critical cooling rate. The Zrcontaining samples have increased transformation temperatures, and the Y phase seems to be responsible for the jerky martensite-to-austenite transformation. All the samples are relatively ductile because they mostly fracture in a transgranular manner, exhibiting the typical double yielding. Selective laser melting allows the adjustment of the transformation temperatures and the mechanical properties already during processing without the need of a subsequent heat treatment.
Introduction
Shape-memory alloys (SMAs) are able to recover a shape change caused by plastic deformation on heating to above a critical temperature. This behaviour is known as shapememory effect (SME) [1] [2] [3] . It is related to the reversible transformation of a low-temperature phase (martensite) to a high-temperature phase (austenite), which can be stressinduced or temperature-induced [1] [2] [3] [4] [5] [6] [7] . The four characteristic temperatures of this diffusionless phase transformation are A s , A f , M s and M f . A s represents the temperature at which austenite begins to form, and A f is the temperature at which all martensite has transformed to austenite. On the other hand, austenite starts to transform during cooling (M s ) until only martensite is left (M f ). These temperatures basically define the temperature regime in which SMAs can be employed.
The probably most widely-used and -studied SMA so far, Ni-Ti, is generally deployable up to 80°C [1-3, 6, 8-10] . Extensive research has been devoted to increasing the transformation temperatures by developing new alloy compositions that can be applied at temperatures above 100°C, the so-called high-temperature shapememory alloys (HTSMAs) [1] . However, the HTSMAs based on Ni-Ti like Ti-Ni-Pd, Ti-Ni-Pt, Ni-Ti-Hf or Ni- Ti-Zr are relatively expensive and difficult to manufacture [1] . For this reason, there is major interest in another group of HTSMAs derived from Cu-based alloys (e.g. Cu-Zn-Al and Cu-Al-Ni) due to their relatively low manufacturing costs, good processability as well as good shape-memory properties [1] [2] [3] [4] [5] [6] [8] [9] [10] [11] [12] [13] [14] [15] [16] [17] [18] [19] . Unfortunately, these alloys are inherently brittle in the polycrystalline state due to intergranular cracking, which is mainly caused by a high elastic anisotropy [2] . The anisotropy is more pronounced in coarse-grained Cu-based SMAs, which are generally produced under relatively low cooling rates [2, 3, 9, 13, [15] [16] [17] . Slowly cooled Cu-based SMAs, moreover, tend to decompose eutectoidly into the brittle c 2 phase. This imposes an additional restriction on the deformability and applicability of these alloys [2, 13] . Hence, especially Cu-Al-Ni SMAs, which are less prone to ageing (i.e. the precipitation of c 2 or other phases) than Cu-Zn-Al SMAs for instance, with small grain sizes and enhanced deformability have been subject of research in the past decades [2, 4, 7, 9, 10, [18] [19] [20] .
The propensity to early failure in coarse-grained Cubased SMAs can be avoided by selecting the proper processing conditions or alloy composition. It has been shown that the poor workability of Cu-Al-Ni SMAs caused by brittle intergranular fracture can be reduced by refining the microstructure through the addition of Co [10] , Mn [9] , Ti [2, 10-13, 19, 20] or Zr [2, 13, 14] . When Ti or Zr is dissolved in the melt, it reduces the grain growth rate and thus refines the microstructure [19, 21, 22] . Moreover, already small amounts of Ti favour the precipitation of the so-called X phase (Cu 2 ZrTi) [23] [24] [25] . When Zr is added to some Cu-based SMAs instead, the isomorphous Y phase (Cu 2 ZrAl) forms [20, 26] . These two phases can interact with the grain boundaries and reduce grain coarsening on annealing. In addition, they are known to affect the mechanical properties and the martensitic transformation [27] [28] [29] [30] but the exact mechanisms are not fully understood to date.
An alternative route for grain refinement and the suppression of brittle phases in Cu-based SMAs constitutes rapid solidification [4, 5, 20, 31] . Even though selective laser melting (SLM) has high intrinsic cooling rates [32] , it is generally not considered to be a rapid solidification technique. SLM creates a bulk part layer by layer through melting of specific, predefined small volumes of powder [5, 6, [31] [32] [33] [34] [35] [36] [37] [38] . The processing of a thin powder layer on a massive substrate plate in combination with small laser spot diameters (about 80 lm) results in a fast removal of the heat, comparable to rapid quenching [32] . The processing conditions have a strong impact on factors like chemical composition, ordering, phase formation and especially on the grain size. These factors, in turn, determine the details of the phase transformation [2, 3, 11, 13, 18, 39] . With decreasing grain size, the transformation temperatures of Cu-based SMAs have been found to become lower [2, 4, 5, 10, 16, 18, 20] . This makes SLM a very attractive tool for processing Cu-based SMAs because the resulting grain sizes are rather small and, hence, these specimens exhibit an improved deformability [7] . At the same time, sophisticated structures can also be produced by this approach, which are impossible to be created through casting [38] . One critical aspect of samples prepared by SLM, yet, is porosity. It can be relatively high compared to conventionally processed material, and it usually is detrimental for the mechanical properties, especially the ductility [34] . Therefore, the process parameters (energy input, E v ) have to be adapted and optimised first for each alloy composition in order to ensure the production of almost defect-free samples.
The energy dissipated in the powder layer can be controlled by adjusting the laser power, the scanning speed and the spacing between two neighbouring tracks (hatching distance or track overlap) [32] [33] [34] [35] [36] 40] . In this way, the transformation temperatures of SMAs can be tailored to some extent due to different local solidification conditions [6, 37, 41, 42] . Such a precise control of the solidification does not exist for conventional casting techniques.
The present study focuses on the fabrication of the two shape-memory alloys Cu-11.85Al-3.2Ni-3Mn and Cu-11.35Al-3.2Ni-3Mn-0.5Zr (wt.%) via selective laser melting. The SLM parameters of Cu-11.85Al-3.2Ni-3Mn samples with a high density [31] were transferred to the processing of Cu-11.35Al-3.2Ni-3Mn-0.5Zr and optimised. The microstructure and phase formation of compact parts are then correlated with the shape-memory behaviour as well as the mechanical properties and compared with other specimens obtained by suction casting, another quenching technique [43] . The present work helps to better understand the interrelation between the processing techniques, the SLM parameters, the phase formation and the evolution of the microstructures as well as the resulting properties of these Cu-based shape-memory alloys in terms of deformability and shape-memory behaviour.
Experimental Procedure Powder and Selective Laser Melting
Gas-atomised Cu-11.85Al-3.2Ni-3Mn powder with particle sizes ranging between 30 and 90 lm and Cu-11.35Al-3.2Ni-3Mn-0.5Zr powder (particle sizes: 30-76 lm) were used. Both alloys were pre-fabricated as ingot using highpurity elements ([99.9 wt.%) in an induction furnace under argon atmosphere. A SLM 250 HL system (SLM Solutions) equipped with a 400 W Nd:YAG laser operating with a point distance of 200 lm and an exposure time of 400 ls was used in the present work. For more details, please refer to [32, 40] . There is a constant flow of both powders in the feeding-system of the SLM 250 HL . This guarantees the required flowability of the powders during processing. The diameter of the laser beam was held constant at a value of 80 lm, and the process was carried out in argon atmosphere. The layer thickness was adjusted to 90 lm for Cu-11.85Al-3.2Ni-3Mn and to 80 lm for Cu-11.35Al-3.2Ni-3Mn-0.5Zr. Furthermore, the scanning vectors between two subsequent layers were rotated by 90°. Three parameter combinations were selected for the processing of cylindrical Cu-11.85Al-3.2Ni-3Mn samples with 3.2 mm in diameter and 8 mm in length [31] . For the fabrication of Cu-11.35Al-3.2Ni-3Mn-0.5Zr rods, the laser power (P L ), scanning speed (v s ) and hatching distance (track overlap, h s ) were systematically varied between 300 and 350 W, 800-900 mm/s and 15-50% track overlap. In addition, both alloys were prepared by arc-melting in a Ti-gettered argon atmosphere (Edmund Bühler 2414). Ingots with a weight of 10-16 g were used to fabricate 70-mm-long rods with a diameter of 3 mm and plates with the same length, a thickness of 2 mm and a width of 10 mm via suction casting into a water-cooled copper mould. One suction-cast rod was homogenised at 850°C for 10 min, quenched in water and subsequently aged at 300°C for 60 min followed by cooling in air. The annealed sample serves as a reference state to better understand the phase formation, microstructure and martensitic transformation.
Sample Characterisation
The chemical composition of the powders and the bulk material was analysed using ICP-OES (Inductively-Coupled Plasma-Optical Emission Spectroscopy, IRIS Intrepid II XUV from Thermo Fischer Scientific). The oxygen (LECO TC-436DR) and hydrogen contents (HORIBA EMGA 621 W) were measured as well. The density of the bulk specimens was obtained by the Archimedean method using a balance (Sartorius MC210P). Relative densities (q rel ) were calculated from these values by relating them to the density of an induction-cast sample of Cu-11.85Al-3.2Ni-3Mn (q = 7.234 g/cm 3 ) and a suction-cast sample of Cu-11.35Al-3.2Ni-3Mn-0.5Zr (q = 7.289 g/cm 3 ), which were found to be free of pores by means of computer tomography [31] .
The powder as well as a slice from the bulk samples was characterised by X-ray diffraction using a STOE STADI P diffractometer with Mo-K a1 radiation (k = 0.07093187 nm) in transmission mode. All bulk samples were cut and additionally ground with sandpaper (P240-P4000), polished to 1 lm, finally prepared with MasterMet 2 (Buehler) and etched for 13 s in a solution of 60 vol.% H 2 O and 40 vol.% HNO 3 . In order to investigate the microstructures, optical microscopy (Nikon Epiphot 300) and scanning electron microscopy (Gemini Leo 1530) were carried out. Grain size measurements were performed by determining the intercepts of vertical and horizontal lines with the grain boundaries (software ImageAccess, magnification 200:1). For the electron backscatter diffraction (EBSD) experiments, a NORDLYS detector was used (Oxford Instruments).
A minimum of two samples were cut from the bulk material for thermal analysis using a differential scanning calorimeter (Perkin Elmer DSC-7) at a heating/cooling rate of 10 K/min. The samples were held for 2 min at 40°C, subsequently heated to 180°C (240°C for Cu-11.35Al-3.2Ni-3Mn-0.5Zr) and cooled back to 40°C.
In addition, hardness measurements were carried out with a 100-g load and a loading time of 10 s using a Vickers microhardness tester (Shimazu HMV-2000). Several indents were placed in the centre and near the surface of the samples. At least three tensile and compression tests were conducted for each sample using an Instron 5869 device at a strain rate of 5 9 10 -4 s -1 . The strain was recorded by a laser extensometer (Fiedler Optoelektronik), and the compression test samples (rods) were machined to a diameter of 3 mm as well as ground to a height of 6 mm. The tensile samples (suction-cast plates, SLM square blocks with 8 mm side length and 40 mm in height) were machined as flat tensile samples by electrical discharge machining.
Results and Discussion
The experimentally measured chemical composition of all samples is listed in Table 1 . The powders as well as the bulk material obtained by SLM and suction casting show All values are in wt%. The samples I-a and II-a (Table 2) were measured in case of the SLM processing only slight deviations from the nominal composition and no significant uptake of oxygen or hydrogen.
Processing of Cu-11.35Al-3.2Ni-3Mn-0.5Zr by SLM
The optimum SLM parameters for producing quaternary Cu-11.85Al-3.2Ni-3Mn samples have already been established in our previous work [31] . These parameters (e.g. P L = 330 W, v s = 740 mm/s, 30% track overlap, q rel = 98.9%) were first applied to Cu-11.35Al-3.2Ni-3Mn-0.5Zr (sample II-a in Table 2 ). Usually, the SLM process is very sensitive to changes in the composition of the powder or the powder particle sizes. Therefore, the transferability of process parameters is often limited [33, 40, 44] . In order to assess the optimal process window for the Zrcontaining alloy, the laser power, the scanning speed and the track overlap were systematically varied. Combinations of laser powers between 300 and 350 W (v s = 740 mm/s, 30% track overlap), scanning speeds between 800 and 900 mm/s (P L = 330 W, 30% track overlap) and track overlaps between 15and 50% (P L = 330 W, v s = 740 mm/s) yielded samples with a relative density in the range of 98-99.8%. The optimum parameters, together with the energy dissipated in the material and the resulting densities are summarised in Table 2 . The relative density of Cu-11.35Al-3.2Ni-3Mn-0.5Zr (sample II-a) was found to be slightly higher (q rel, IIa = 99.2%) than that of Cu-11.35Al-3.2Ni-3Mn (sample I-a, q rel,I-a = 98.9%) when produced under identical conditions. Due to the smaller particle size of the Zr-containing alloy powder and the resulting lower layer thickness (about 80 lm), the energy input is somewhat higher (sample I-a = 38.1 J/mm 3 and sample II-a = 42.9 J/mm 3 ) and this seems to promote the fusion of the powder and thus the density of the samples [44] . If the energy input is increased further (sample II-c = 50.7 J/mm 3 ), the relative density reaches about 99.8%. A similar relation between a higher energy input (by a higher track overlap in this case) and an increasing density has been also found in other studies [45] . Here, both Cu-based alloys exhibit a high relative density only when the laser power reaches relatively large values of about 330 W, which improves melting [35, 36] .
Phase Formation and Microstructure of Cu-11.85Al-3.2Ni-3Mn and Cu-11.35Al-3.2Ni-3Mn-0.5Zr
The phase formation in both alloys processed by suction casting and SLM was analysed by means of X-ray diffraction, and only b 1 0 martensite (P2 1 =m, [46] ) was found, irrespective of the processing route and the composition (Fig. 1 ). This is in agreement with other reports on alloys with similar compositions [4, 5, 7, 31, 47] , however, due to the detection limit of the XRD technique (generally a few wt.% [48] ), we cannot exclude that very small volume fractions of additional phases are present. Apparently, the applied cooling rates are sufficiently high to suppress the formation of the c 2 and a phase. And since the martensite start temperature, M s , of Cu-11.85Al-3.2Ni-3Mn is around 100°C [20] , the martensitic transformation is completed at room temperature. Despite the relatively high cooling rates during casting and selective laser melting, the bcc austenite can order into a DO 3 structure on cooling, which then transforms to the observed b 1 0 martensite [2, 49] .
The austenite-to-martensite transformation also occurs in the quinary alloy during cooling, apparently leaving a fully martensitic microstructure (b 1 0 ) at room temperature. Only Table 2 Overview of the suction-cast specimens and the selected parameters for the processing of Cu-11.85Al-3.2Ni-3Mn and Cu-11. The laser power was 330 W and the layer thickness 90 lm (Cu-11.85Al-3.2Ni-3Mn) or 80 lm (Cu-11.35Al-3.2Ni-3Mn-0.5Zr). The transformation temperatures are listed in Table 3 . The linear intercepts I (n = 10 lines) were recorded perpendicular to the building direction in two directions (x and y)
Shap. Mem. Superelasticity (2017) 3: 24-36 27 in the annealed sample, new reflections appear in the diffraction pattern. It is important to mention that an unambiguous phase identification by means of XRD is impossible here due to the pronounced texture of the samples, the relatively broad reflections and the abundance of possible stable or metastable phases having many overlapping peak positions (a, c 2 , NiAl, b 1 , b 1 0 and c 1 0 ). A new reflection at 2h = 31.7°, at which an a reflection is expected, seems to indicate the eutectoid decomposition of the shape-memory alloy. And since the strongest a reflection coincides with the strongest b 1 0 reflection, it cannot be excluded that a has precipitated. The resulting enrichment of Al in the remaining martensite might have then caused the local formation of c 1 0 (Pmmn) [49, 50] leading to the reflection near 2h = 21°. This peak is not found in the other diffraction patterns. However, it seems more likely that this particular reflection is a strongly shifted b 1 0 martensite reflection and, moreover, that a has not yet begun to precipitate. Cu-Al-Ni alloys are known to be generally quite resistant against ageing [50, 51] , so the presence of a, c 2 and NiAl in the present annealed specimen is questionable. This hypothesis is corroborated by the fact that the Al content in the annealed suction-cast rod is identical within the experimental error (9.8 ± 0.1 wt.%) in all the samples (SLM, suction-cast rod and the annealed suction-cast rod). This could not apply if phases like a, c 2 , NiAl or the Y phase had formed. Furthermore, the additional reflections in the diffraction pattern of the annealed sample match the austenite positions and thus appear to stem from residual b 1 . The arrow in Fig. 1 marks another diffraction peak, which only appears after annealing. As we will discuss below, this reflection most likely proves the presence of the so-called Y phase (Cu 2 ZrAl, Fm 3m) [20, 21] .
In the following, we focus on the microstructures of the two alloys prepared by suction casting and selective laser melting. The grains of suction-cast Cu-11.85Al-3.2Ni-3Mn have a relatively uniform size across the sample (intercept lengths along x and y: l x = 51 ± 9 lm, l y = 58 ± 9 lm) ( Fig. 2a ; Table 2 ). The inset depicts the martensite laths at a higher magnification, and there is no allusion to additional phases. In the case of the cast Cu-11.35Al-3.2Ni-3Mn-0.5Zr rod, the grain size as well as the grain shape varies along the diameter (not shown here). The relatively fine grains (l x = 26 ± 10 lm, l y = 14 ± 5 lm) near the surface are slightly elongated in the direction of the heat flow. The grains near the centre (Fig. 2b) are almost equiaxed, and their size is comparable to those of the suction-cast alloy without Zr ( Table 2 ). The addition of Zr, thus, has a pronounced grain-refining effect as it is also known from other studies [13, 14, 19, 20] . The martensite laths are not as clearly visible as in the case of the Zr-free alloy (Fig. 2a, b) , and particles with a size below 1 lm can be found uniformly distributed in the grains (see also inset). EDX measurements reveal that these particles are enriched in Zr, but more details can be only obtained after annealing (see below).
In contrast, the SLM specimens of both alloys contain relatively small grains (Table 2 ) due to the high cooling rates during processing [6, 32, 37, 52] . The Cu-11.85Al-3.2Ni-3Mn SLM sample (Fig. 2c ) exhibits a ''bimodal'' grain size distribution [53] with equiaxed grains having diameters in the range of 10-30 lm in the regions where the melt tracks overlap. In the centre of the melt tracks, the grains are elongated perpendicular to the scanning direction and have typical sizes of about 30-80 lm. This phenomenon is typical of the SLM process [5, 7, 31, 38, 41, 42] , and it also applies to Cu-11.35Al-3.2Ni-3Mn-0.5Zr. Interestingly, an overall effect of Zr on the average grain size for samples prepared by SLM is not measureable, contrary to the specimens processed by suction casting ( Table 2 ). The intercept lengths of sample I-a (P L = 330 W, v s = 740 mm/s, 30% track overlap) are almost equal to those of Cu-11.35Al-3.2Ni-3Mn-0.5Zr processed with the same parameters (sample II-a). Hence, Zr seems to become ineffective as a grain-refining agent at high cooling rates. The inset of Fig. 2c shows the fine martensite laths in the Cu-11.85Al-3.2Ni-3Mn sample processed by SLM. At a high magnification in the Cu-11.35Al-3.2Ni-3Mn-0.5Zr SLM sample (inset of Fig. 2d ), small precipitates with a typical size below 100 nm can be seen.
After annealing the suction-cast Cu-11.35Al-3.2Ni-3Mn-0.5Zr rod, the grains become equiaxed (l x = 25 ± 6 lm, l y = 23 ± 8 lm) and the microstructural gradient vanishes (not shown here). Moreover, second phase particles with typical sizes between 5 and 10 lm preferentially form at grain boundaries (Fig. 3) . The EDX measurements on these particles suggest a Cu:Zr:Al ratio of 2:1:1. We performed complementary EBSD measurements (inset to Fig. 3) , and while the matrix could be identified as b 1 0 martensite (see XRD results), the particles belong to the Cu 2 ZrAl phase (Fm 3m), the so-called Y phase. We could neither detect any products of the eutectoid decomposition nor c 1 0 in this part of the sample. This affirms our assumption that the alloy has not yet begun to decompose into the low-temperature equilibrium phases. These findings help to understand the role of Zr and the Y phase for grain refinement in the present alloys. Due to the different cooling rates, Zr is dissolved to varying degrees in the grains after processing (suction-cast rod: 0.12 ± 0.1 wt.% Zr, SLM: 0.43 ± 0.05 wt.% Zr). The higher Zr content is accompanied by the presence of very fine Y-phase particles (Fig. 2d) . When the samples are cooled at lower rates, the supersaturated matrix can precipitate larger Y-phase particles and also their volume fraction must increase. Since the Y phase is not particularly concentrated at the grain boundaries (Figs. 2b, d) , it is not very likely that its presence is responsible for the reduced grain size. Instead, the dissolved Zr seems to slow down the grain growth [19, 21, 22] . It has been suggested [19] that if the concentration of Ti is above the solubility limit in a Cu-Al-Ni alloy, it does not have a grain-refining effect anymore. The same seems to also hold for Zr. During the subsequent annealing treatment of the as-cast rod, however, the Y phase coarsens and strongly segregates at the grain boundaries (Fig. 3) . It then pins the grain boundaries, hampers their movement and consequently reduces the grain size during recrystallization [22, 54] or slows down grain coarsening [24] as is also observed here.
Martensitic Transformation
The transformation temperatures of Cu-11.85Al-3.2Ni-3Mn and Cu-11.35Al-3.2Ni-3Mn-0.5Zr produced by Fig. 2 Optical micrographs of the cross-sectional microstructure of the suctioncast rods (3 mm in diameter) of a Cu-11.85Al-3.2Ni-3Mn and b Cu-11.35Al-3.2Ni-3Mn-0.5Zr taken from the centre. c and d represent Cu-11.85Al-3.2Ni-3Mn and Cu-11.35Al-3.2Ni-3Mn-0.5Zr samples obtained by SLM (perpendicular to the building direction), respectively. The insets show magnifications of the microstructure (SEM). In both Zr-containing alloys, a finely dispersed second phase is present Fig. 3 Optical micrograph of the suction-cast Cu-11.35Al-3.2Ni-3Mn-0.5Zr alloy. The box indicates the region of the sample, which was chosen for an EBSD measurement (see inset). The purple colour reflects b 1 0 martensite, and the green colour represents the Y phase. The black regions could not be ascribed to either phase also due to limited pattern quality (Color figure online) suction casting and SLM were measured, and in Fig. 4 , the resulting DSC curves on heating and cooling are shown. Not only the microstructure is affected by the addition of Zr but also the transformation behaviour. The forward and reverse transformation for the Zr-containing alloy generally occur at higher temperatures than for the Zr-free alloy ( Fig. 4; Table 3 ), which most likely originates from the lower Al content in the quinary alloy [49] . One might expect that the gradual precipitation of the Y phase additionally depletes the matrix in Al. Interestingly, the Al content is identical (9.8 ± 0.1 wt.%) for the SLM sample and the suction-cast sample, as mentioned above. In the case of Cu-11.35Al-3.2Ni-3Mn-0.5Zr, the reverse transformation is of jerky nature, which is especially obvious for the SLM sample (Fig. 4) . This behaviour has been reported for various other Cu-based SMAs [55] [56] [57] [58] and has been ascribed to the c 1 0 ? b 1 transformation [59, 60] . However, the only martensite detected in the present as-prepared samples is b 1 0 . Consequently, the jerky reverse martensitic transformation must be of different origin.
When a Cu-13Al-4Ni alloy is aged, the formerly smooth reverse transformation gradually becomes jerky [61] . At the later stages of ageing, small, coherent particles can be observed, which distort the lattice [61] . These particles are obstacles for the movement of the interfaces during the transformation, and the temporary pinning of the advancing interfaces leads to the jerky DSC trace [61] . Also, Cu 2 ZrTi (X phase) precipitates in Cu-11.9Al-5Ni-2Mn-1Ti have been suggested to pin the interfaces [28] . Therefore, we propose here that the jerky reverse transformation in the present Zr-containing alloy results from the presence of the Y phase. When it is finely dispersed as in the case of the SLM sample (Fig. 2d) , it appears to be especially efficient in pinning the moving interfaces during the martensitic transformation and the transformation consists of many spikes (Fig. 4) .
When the present suction-cast Cu-11.35Al-3.2Ni-3Mn-0.5Zr rod is annealed, the martensitic transformation does not occur in the investigated temperature range (80-240°C) anymore (Fig. 4) . Again, this cannot be caused by a depletion of Al in the matrix accompanying the precipitation and growth of the Y phase because the Al concentration is identical in all samples. Also an increasing degree of ordering could account for an increase in the transformation temperatures [62, 63] . In the as-prepared state, the degree of ordering might be lower owing to the high cooling rates. During annealing, the ordering is fully restored leading to higher transformation temperatures. To rule this out, one annealed sample was heated to about 800°C (not shown here), and apart from an endothermic reaction at 500°C indicating a transition from DO 3 to B2 ordering, no additional phase transformations could be found. The disappearing of the martensitic transformation might thus be related to the coarsening of the Y phase (Fig. 3) . At the later stage of precipitation, the relatively coarse Y phase seems to be capable of completely suppressing the martensitic transformation, which is in agreement with other publications [61] . So, the current experiments strongly suggest a pronounced influence of the Y phase on the kinetics of the martensitic transformation.
After the addition of Zr, the thermal hysteresis between the forward and reverse transformation (T H ) increases (Fig. 4, Table 3 ). In order to be able to better compare the different samples with each other, the equilibrium temperature (T 0 ) between the martensite and the austenite phase was calculated for both alloys [10] :
The higher T 0 is, the more stable the martensitic phase is. T 0 increases after the addition of Zr, and the maximum of T 0 is observed for the specimens processed by suction casting and for the samples that were fabricated by SLM (II-c) with an energy input of 50.7 J/mm 3 ( Table 3) . Furthermore, the DSC measurements reveal that the transformation temperatures of Cu-11.85Al-3.2Ni-3Mn and Cu-11.35Al-3.2Ni-3Mn-0.5Zr alloys can be controlled during selective laser melting by modifying the energy input. In  Fig. 5 , the peak value of the austenite-to-martensite transformation is correlated with the energy dissipated in the samples during the SLM process. The energy input (E v ) during the SLM process can be estimated by [31, 64] : Fig. 4 DSC traces of Cu-11.85Al-3.2Ni-3Mn (SLM sample I-a and suction-cast, SC) and Cu-11.35Al-3.2Ni-3Mn-0.5Zr (SLM sample II-a and suction-cast, SC). The curves show the phase transformation in the second cycle. The processing route determines the transformation temperatures, and the addition of Zr leads to a jerky reverse transformation. The annealed sample does not transform in the present temperature regime anymore
where P L is the laser power, v s is the scanning speed, h s is the hatching distance and t z is the layer thickness. The layer thickness (90 lm for Cu-11.85Al-3.2Ni-3Mn or 80 lm for Cu-11.35Al-3.2Ni-3Mn-0.5Zr) and the laser power (330 W) were kept constant while the scanning speed and the track overlap were varied. The latter was modified much more strongly than the scanning speed, and this reflects in the overall energy dissipated during the SLM process (Table 2 ; Fig. 5 ). There is an obvious increase in the peak value with increasing the energy input during SLM processing for both alloys. A similar effect has been reported for Ni-Ti [6, 37, 41, 42] . The change in the transformation temperatures can be explained by the concentration of quenched-in defects [37, 39] and the degree of ordering [65] , which are determined by the applied cooling rates. Simultaneously, the cooling rate affects the grain size (intercept lengths), and it has been demonstrated that the grain size also has a strong influence on the martensitic transformation [4, 20, 42, 66] . More specifically, some SMAs have been reported to obey a HallPetch-type relation [20] . In the present alloys, a similar trend seems to apply, but due to the scattering of grain sizes (Table 2) caused by the gradients in the cooling rate, it is difficult to unequivocally correlate the grain size with the transformation temperatures. And even though the energy input only is an indirect measure for factors like ordering, grain size or concentration of quenched-in defects, the result demonstrates that one can adjust the transformation properties of Cu-based SMAs during selective laser melting. A subsequent thermo-mechanical treatment is not required anymore.
Mechanical Properties
In the next step, selected suction-cast samples and those SLM specimens with the highest relative density were subjected to tensile and compression tests as well as to hardness measurements. As the corresponding XRD patterns suggest, all samples are fully martensitic (b 1 0 ) and the results are summarised in Table 4 .
For both alloys, the hardness observed in the SLM samples is higher compared to the suction-cast material. It can be assumed that internal stresses, usually generated during SLM [34, 35, 40, 42, 44, 52] , are responsible for the increase in the hardness values. Furthermore, there is a general increase of the microhardness in the Zr-containing alloy. The hardness of the suction-cast material increases from 210 ± 22 to 235 ± 8 HV0.1, and the values for the SLM specimens are rising from 245 ± 20 (sample I-a) to Fig. 5 Dependence of the transformation temperature (A peak ) of Cu-11.85Al-3.2Ni-3Mn and Cu-11.35Al-3.2Ni-3Mn-0.5Zr on the energy input during SLM processing. The peak value (martensiteto-austenite, second cycle) was used because it could be determined more precisely. The different values correspond to the samples as listed in Tables 2, 3 . The values in the brackets denote the scanning speed in mm/s and the track overlap in % Table 3 Transformation temperatures of the SLM and the suction-cast material of Cu-11.85Al-3.2Ni-3Mn and Cu-11.35Al-3.2Ni-3Mn-0.5Zr
Suction-cast 121 ± 2 128 ± 1 126 ± 1 119 ± 1 104 ± 4 113 ± 1 9 124
SLM (I-a) 102 ± 2 107 ± 1 106 ± 2 95 ± 1 84 ± 2 90 ± 1 12 101
SLM (I-c) 97 ± 1 104 ± 1 101 ± 1 96 ± 1 78 ± 2 89 ± 1 8 100
Cu-11.35Al-3.2Ni-3Mn-0.5Zr
Suction-cast 167 ± 4 178 ± 3 173 ± 1 155 ± 1 143 ± 3 150 ± Slices were cut from the central regions of the rods. The characteristic temperatures represent the values from the second cycle. In addition, the thermal hysteresis T H (difference of A f and M s ) and the equilibrium temperature T 0 [10] are listed 260 ± 7 HV0.1 (sample II-c). The measurements for both materials (suction-cast and SLM) were conducted in the centre and near the surface of the samples, and there are no distinct differences in the hardness values for these regions. The increase with the addition of Zr can be understood in terms of solution hardening of the martensite, and might be also attributed to the formation of the Cu 2 ZrAl phase. Since the grain sizes in all SLM specimens are mostly identical within the experimental error, we can exclude that the grain size contributes to the observed differences in hardness. Figures 6 and 7 depict the stress-strain curves of selected samples, which were tested in tension and compression, respectively. The differences in hardness also reflect in the measured yield strengths in tension. The values of all tested samples are higher for the Zr-containing alloy. In addition, the yield strength of the suction-cast material (r ys = 210 ± 15 MPa) was found to be increased compared to the SLM specimens (SLM (I-a) r ys = 160 ± 10 MPa) during tensile testing, which might be related to the residual porosity of the SLM samples. The grain size, though, does not seem to have a measureable effect on the yield strength: Owing to non-uniform grain sizes found in all specimens (Table 2 ) and the relatively small differences in yield strength, it is not possible to establish a solid correlation between yield strength and grain size for the samples obtained by casting or selective laser melting. The fracture strain is constant (about 5%) in the suction-cast samples (Table 4) , but when the two alloys are prepared by means of SLM, the fracture strain increases up to 8.2 ± 0.9%. Because the grain sizes of all present rapidly quenched Cu-based SMAs are rather small An overview on the stress-strain curve of selected samples is shown in Figs. 6, 7 . The yield strength was determined for a strain offset of 0.2%. The hardness was measured in the central and the border region of suction-cast samples as well as along and perpendicular to the building direction for the SLM material. Values averaged over three samples Table 4 . The inset shows a tensile sample (1.5 mm in thickness) as it was mounted in grips for the testing procedure Table 4 . The inset depicts the as-build compression samples after SLM processing compared to conventionally processed alloys [2] , the elastic anisotropy is reduced [2] , which in turn improves the plastic deformability [9, 18, 19] and results in the pronounced plastic strain we measure here.
During compressive loading, however, the material behaves in a slightly different manner than in tension. For both alloys, the yield strength is higher for the SLM samples than for the suction-cast rods. This might be caused by the finely dispersed Cu 2 ZrAl particles in the case of the Cu-11.35Al-3.2Ni-3Mn-0.5Zr SLM samples (Fig. 2c) . The fracture strength and fracture strain are generally much higher in compression than in tension (Table 4) . This asymmetry most likely originates from the residual porosity, which is found in the present SLM samples [31] . The number and size of pores forming during SLM under the present conditions [31] are not detrimental during compressive loading of the two SMAs tested here. Consequently, the SLM samples reach fracture strengths (about 1500 MPa) and fracture strains (about 15%) comparable to the fully dense suction-cast specimens. As will be shown below, the differences in the deformability result in different fractographic features.
Both alloys, irrespective of the processing route, exhibit the typical double yielding behaviour in compression and tension [7, 9, 13, 18, 19] . After the elastic region, both alloys overall harden significantly in the plastic regime (Figs. 6, 7) . However, the details of the double yielding are different, since the SLM samples exhibit a more pronounced change in the hardening rates in the course of deformation than the suction-cast alloys. All specimens are fully martensitic, and deformation starts in the twinned state [3, 67] . When detwinning sets in, the hardening rate decreases and leads to the first yield point. Elastic loading of the reoriented b 1 0 martensite reflects in a subsequent increase in the hardening rate [3, 67] . The critical stress to reorient the martensite variants normally increases with decreasing grain size [18, 19] . This seems to hold for the compression tests (Fig. 7) , which suggests that the transition occurrs at higher stresses for the SLM rods. The details of the detwinning process and reorientation of the martensite and the plastic deformation borne by dislocation movement or slip [3, 67] are expected to depend on (i) the orientation of the grains (texture) and (ii) the presence of the Y phase. As Fig. 2 proves, the SLM samples have a pronounced texture, which arises from an epitaxial-like growth of grains over several layers as well as a preferred lateral growth in certain directions dominated by the anisotropic heat extraction. Suction casting also imposes a gradient in cooling rate and thus a specific texture. These microstructural differences might favour the processes carrying plastic deformation in the SLM samples. Moreover, the Y-phase particles are much finer in the SLM specimens due to the higher cooling rates (Fig. 2) . These fine-scale precipitates might not interfere with the Fig. 8 SEM image of suctioncast Cu-11.35Al-3.2Ni-3Mn-0.5Zr after fracture in tension (a). The entire fracture surface is rather rugged, and only few but relatively long cracks propagate during deformation. The Cu-11.35Al-3.2Ni-3Mn-0.5Zr sample processed by SLM is comparatively smoother and multiple small cracks can be seen (b). The insets display magnified sections of the fracture surfaces. The inset of b depicts a typical pore formed during the SLM process. The fracture surface of the cast Cu-11.35Al-3.2Ni-3Mn-0.5Zr sample does not show any subfeatures at very high magnifications (c). In contrast, dimple-like structures are found on the Cu-11.35Al-3.2Ni-3Mn-0.5Zr sample obtained by SLM. This indicates the increased plastic deformability of the latter sample (cf. Fig. 6) Shap. Mem. Superelasticity (2017) 3: 24-36 33 movement of the twin boundaries to the extent the larger precipitates do. As a possible consequence, the double yielding is less pronounced in the cast specimens. In order to verify this hypothesis, a detailed transmission electron microscopic investigation at various stages of deformation would be required. This, however, is beyond the scope of the present work. In order to better understand the fracture process, suction-cast and SLM samples after deformation to fracture (under tensile loading) were investigated in the SEM. There are characteristic differences in the morphology of the respective fracture surfaces, which will be discussed in the following only for Cu-11.35Al-3.2Ni-3Mn-0.5Zr alloy. The same observations, however, hold for the Zr-free alloy. Figures 8a, b capture almost the entire fracture surface of the samples. The fracture surface of the cast sample (Fig. 8a) is much rougher than that of the SLM sample (Fig. 8b) , and intergranular cracking seems to be more pronounced in the cast alloy. Only few but relatively long cracks develop during loading to fracture. In contrast, multiple smaller cracks (about 50 lm) form in the SLM specimen, indicating the higher resistance of this material against crack propagation. The fine-grained regions (Fig. 2c) where melt tracks overlap might promote crack deflection [18, 19] . The insets of Fig. 8a, b represent images taken at a higher magnification. Interestingly, the pore seen in the inset of Fig. 8b does not seem to negatively affect the fracture behaviour locally. At higher magnifications, the fracture surface of the cast sample (Fig. 8c) is relatively smooth, while dimple-like features can be found in the SLM specimen. Dimples are generally a sign of ductile fracture, and their presence in the SLM samples is in agreement with their slightly larger plastic strain in tension as well as in compression. Judging from the present fractographic analysis, the different size and distribution of the Cu 2 ZrAl phase (Fig. 2) does not appear to have a bearing on the overall fracture mechanism.
Conclusions
The shape-memory alloys Cu-11.85Al-3.2Ni-3Mn and Cu-11.35Al-3.2Ni-3Mn-0.5Zr were successfully processed by SLM. Almost fully dense specimens can be obtained, and both primarily solidify into b 1 0 martensite. Cu 2 ZrAl (Y phase) is observed after the Zr additions, and its size and distribution depends on the thermal history (cooling rate). During annealing of the suction-cast specimens, this Zr-rich phase mainly precipitates at the grain boundaries and efficiently hampers grain coarsening. In the SLM and suction-cast samples, however, it is relatively fine and uniformly dispersed in the martensite matrix. Its presence seems to be responsible for the jerky character of the reverse martensitic transformation. Consequently, the Y-phase crystals temporarily pin and thus hamper the movement of the interfaces during the reverse martensitic transformation. Zr is also dissolved in the matrix and up to a critical cooling rate, it is capable of slowing down grain growth leading to a refined microstructure. After annealing, however, the volume fraction of the Y phase becomes larger and it coarsens, which suppresses the reverse and forward transformation in the observed temperature regime. In general, Zr additions increase the equilibrium temperature between the martensite and austenite phase. While it is difficult to correlate the differences in the transformation temperatures with the observed grain sizeowing to the gradient microstructures-one finds that the transformation temperatures tend to increase with increasing energy input during the SLM process.
In tension, the SLM samples fail at larger strains than the suction-cast samples, but all the prepared specimens show higher fracture strengths (above 1300 MPa) and strains (above 15%) in compression. All samples show a more or less pronounced double yielding typical of shapememory alloys. The present study shows that SLM can be used to produce bulk parts of Cu-based shape-memory alloys with high density, high strength and enhanced plasticity. By adjusting the process parameters, the transformation temperatures and mechanical properties of Cu-11.85Al-3.2Ni-3Mn and Cu-11.35Al-3.2Ni-3Mn-0.5Zr can be tailored in situ in contrast to conventional manufacturing techniques, which generally require subsequent thermo-mechanical treatments.
